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The desire for ever smarter systems-on-a-chip and plug-free portable electronics with longer
operating times between recharge has stimulated growing interest in micro-ionic systems. The use
of thin ﬁlm and photolithographic processing techniques, commonly at temperatures considerably
below those utilized in conventional ceramics processing methods, leads to ionic or mixed
ionic–electronic materials with nanosized dimensions. The implications for nanosized grains on
the conductivity of thin ﬁlm solid oxide electrolytes are examined. Grain boundary engineering, as
a means of controlling and ultimately enhancing transport along and across grain boundaries,
becomes essential given that such boundaries often dominate the transport properties of such
nano-dimensioned materials. Heterogeneous doping by selective in-diﬀusion along grain
boundaries was introduced as a potentially powerful means of achieving this. This is coupled with
the modeling of space charge distributions at such boundaries, taking into account possible
dopant segregation to the boundaries. The use of lithographic methods for generating
geometrically well deﬁned structures is used to illustrate how one can achieve a much improved
understanding of electrode processes in SOFC structures. Indeed, the more idealized structures
achievable by application of microelectronic processing provide a marvelous opportunity to
uncover the science underlying the technology of micro- and ultimately macro-ionics.

Introduction
Nearly all areas of human activity have been impacted by
the rapid progress that the microelectronics industry has
achieved in extending the performance/cost ratio of modern
integrated circuits. In particular, Si-based microelectronics are
pervasive in communications, computation, automation,
entertainment and nearly every endeavor in which the
manipulation and ﬂow of information, distribution of
products or control of processes is involved. The near-ubiquitous
use of silicon as the platform of the ever more sophisticated
microelectronic devices is a reﬂection of its nearly unique
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combination of excellent electrical, mechanical, thermal and
chemical properties combined with the ability to manufacture
silicon wafers reproducibly at low cost.
This was not always the case. Microelectronics was preceded
by vacuum tube electronics which was self-limiting in its
abilities to address the needs of high speed computation and
low cost portable electronics. Only the development of solid
state electronics, by eliminating the need for electrons to pass
through vacuum, enabled the extreme level of miniaturization
and integration being achieved today. Stable operation was
further achieved by isolating the chips as much as possible
from environmental factors including humidity, temperature
ﬂuctuations, vibration and mechanical stresses. Packaging
plays a strategic role in achieving desired performance ranging
from hermetic packaging to thermal conduction modules that
insure adequate heat dissipation.
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In recent decades, the world has witnessed an extension of
silicon technology from largely an electronic one to include
mechanical (micro-actuators), optical (micro-mirrors),
thermal (micro-heaters), chemical (micro-reactors) and
biological (bio-chips) functions. This was achieved by the
application of micromachining, extending the largely planar
processing technology characteristic of microelectronics into
the third dimension enabling the fabrication of membranes,
micro-ﬂuidic channels, micro-bridges and micro-cantilever
beams to form what are now known as microsystems or
micro-electro-mechanical-systems (MEMS).
Many of these newer applications, by their very nature,
require the exposure of the silicon platform to the environment. Indeed, one is attempting to take advantage of the
sensitive manner in which microsystems respond to variations
in temperature, pressure or atmosphere. When we consider
chemical functions, two areas, in particular, come to mind.
The ﬁrst category is sensors, of interest for environmental
emissions monitoring and for process control in the petrochemical, food and pharmaceutical industries. Second, one
visualizes the integration of miniaturized on-board power
sources, important for portable and/or remote operation. In
the latter case, fuel cells in particular require the input of often
chemically aggressive fuels and oxidants and the subsequent
removal of reaction products. In the following, we examine
how opportunities in these areas are driving the integration of
solid state ionic and solid state electronic materials in microsystems technology and, in the context of this special issue,
how one can harness our understanding of the science of such
materials to advance their engineering.

Solid state electrochemical devices
In the solid state ionics arena, there is much interest in reducing
the operating temperatures of solid state oxide fuel cells
(SOFCs) by shifting from bulk to thin ﬁlm electrolytes
(e.g. stabilized ZrO2 or acceptor doped CeO2). Indeed, the
possibility thereby exists to embed miniaturized SOFC
structures together with MEMS components, and other active
electronics, into the same silicon wafer for portable power
generation in devices such as laptop computers and mobile
telephones.1–5 In contrast to large-scale fuel cell stacks that
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Fig. 1 Schematic of MEMS-based fuel cell showing characteristic
anisotropically etched silicon wafer with thin ﬁlm fuel cell stack with
integrated heater and temperature sensitive resistor (TSR) supported
on a perforated membrane.

output power of the order of megawatts, these micro-devices
are intended to produce power of the order of milliwatts to
several watts.
Battery technology has two shortcomings, namely, lower
energy density (e.g. 130 W h kg1 for lithium-ion rechargeable
batteries) and long recharge times. Fuel cell devices, on the
other hand, can tap the high energy densities of liquid hydrocarbon fuels (e.g. 6200 W h kg1 for methanol) and are readily
recharged.6 Present solid state oxide fuel cell (SOFC) designs
suﬀer from high operating temperatures (B800–1000 1C)
necessary to raise the ionic conductivity of the electrolytes to
suitable values. This requires costly ceramic interconnects and
leads to enhanced chemical reaction between electrolyte and
cathode, deterioration of electrode porosity and need for
complex high temperature gas seals. MEMS-based designs,
with thin ﬁlm self-supporting electrolytes and highly catalytically active electrodes, see Fig. 1, promise signiﬁcantly reduced
processing and operating temperatures, leading to extended
life and reduced cost.
To understand where the challenges lie in enabling a
reduced operating temperature conventional or micro SOFC,
we turn to the schematic of an operating fuel cell stack in
Fig. 2. This diagram illustrates the concentration gradient
driven transfer of gaseous molecular oxygen from the cathode
to the anode via the electrolyte as an ion and its subsequent
reaction at the anode with hydrogen to form water. The
reaction proceeds by the simultaneous transfer of electrons
from the anode to the cathode via the external load. The
corresponding electrochemical reactions occurring at the
cathode and anode are given, respectively, by:
O2 + 4e 0 + V 
O 3 2OO

(1)

2OO + 2H2 ) 2H2O + 4e

0

(2)

where V 
O and OO represent doubly charged oxygen vacancies
and oxygen ions, respectively, on oxygen ion lattice sites in the
crystal structure. All other terms have their normal meanings.
The key operating losses result from the resistance of the
polycrystalline electrolyte which includes both bulk ionic
transport within the grains (dotted arrow) and contributions
This journal is
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by investigating the underlying science related to defect
formation, and corresponding mass and charge transport in
nanostructured mixed ionic–electronic conductors (MIEC).
Ideally, these and other insights will be harnessed to advance
the engineering of reduced temperature and micro fuel cells.
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Nanodimensional ﬁlms

Fig. 2 Schematic of a solid oxide fuel cell illustrating the transfer of
gaseous molecular oxygen from the cathode to the anode via the
electrolyte as an ion and its subsequent reaction at the anode with
hydrogen to form water. The reaction proceeds by the simultaneous
transfer of electrons from the anode to the cathode via the external
load.

due to ionic transport across (solid thin arrow) or along grain
boundaries (dashed arrows) and the electrochemical reactions
at the electrodes (solid thick arrows). Fortunately, it is possible
to deconvolute these various losses by the application of
electrochemical impedance spectroscopy (EIS) as illustrated
in Fig. 3. For the idealized case, in which each of the above
processes (i.e. bulk, grain boundary and electrode) can be
modeled by a simple parallel resistor–capacitor network, a
semicircle for each is deﬁned in the complex impedance plane
representing the impedance vector sweeping out the spectrum
as the excitation frequency is varied typically from the mHz to
the MHz range. The diameter of each semicircle is a measure
of the resistance, R, while the frequency at the peak of the
semicircle is given by opeak = 1/RC. The spectrum illustrated
in Fig. 3 assumes that the RC time constants of the diﬀerent
processes diﬀer considerably and that the capacitances
decrease from the very large values associated with electrode
processes, to intermediate capacitances exhibited by space
charge layers at grain boundaries, to the low capacitances
corresponding to bulk capacitances. Examples of the use of
EIS in isolating and investigating individual processes are
presented later in this paper.
Much of the remainder of this article will be concerned with
how one should approach achieving a reduction in these losses

Fig. 3 Electrochemical impedance spectrum demonstrating the
ability to deconvolute grain, grain boundary and electrode
contributions. See text for details.
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The most obvious source of loss in an SOFC is the ohmic
electrolyte resistance given by R = (1/s)(l/A), in which s is the
electrical conductivity, and l/A is the length over area ratio of
the resistor. There have been many attempts over the decades
to identify materials with higher ionic conductivities than that
of yttria stabilized zirconia (YSZ), the standard solid electrolyte used in SOFCs. Notable examples include the ﬂuorite
structured gadolinium doped ceria (GdxCe1xO2d; GDC)
and the perovskite structured lanthanum strontium gallium
magnesium oxide ((La1ySry)(Ga1xMgx)O3d; LSGM).7
While these compounds are more highly conductive than
YSZ, particularly at reduced temperatures, they tend to be
less chemically and/or mechanically stable. Thus, in recent
years, there has been an increasing focus on a strategy for
reducing the electrolyte resistance by substantially reducing
the electrolyte thickness, l, by switching from bulk ceramic or
thick-ﬁlm techniques to thin ﬁlm processing technology.
Indeed, solid electrolyte membranes of B150 nm thickness
would provide adequate electrolyte conductance down to
temperatures of B200 and 400 1C with CGO and YSZ,
respectively.8–11 Because such thin ﬁlms are commonly
characterized by features with nano-dimensions, other factors
come into play regarding performance, leading to either
improved or degraded properties. As a consequence, nanosize
eﬀects are considered, in some detail, in the following.
Oxide ﬁlms deposited by physical or chemical routes are
typically submicron in thickness. Given the low temperature
processing routes typically utilized, this often results in polycrystalline morphologies in which the grains are in the tens of
nanometres in dimension. The resulting morphologies lead to
conditions in which the eﬀective grain boundary widths
(including space charge eﬀects discussed below) approach that
of the cross sectional dimensions of the grains. The question
that then naturally arises is: does transport along the grain
boundaries become comparable to or exceed that within the
grains and, if it does, can this be used to improve the ionic
conduction properties of the electrolyte ﬁlm?
Beginning in 1996, the author and co-workers reported that
the electrical conductivity of bulk nanocrystalline CeO2
increased substantially over that of coarsened microcrystalline
CeO212,13 as a result, in that case, of increased electronic
conductivity. Subsequently, Tschöpe14 and Kim and Maier15
attributed the increase in electronic conductivity and decrease
in ionic conductivity to space charge eﬀects resulting from
segregation of positive charges to the grain boundary cores.
Similar eﬀects were reported more recently by the author in
vapor phase deposited ceria thin ﬁlms with nanosized grains.16
This suggests that ﬁlm microstructure, in addition to composition, can be used to control the mix of ionic and electronic
conductivities. In the following, we examine the theory in
some detail, examine implications for technology and review
Phys. Chem. Chem. Phys., 2009, 11, 3023–3034 | 3025

the limited attempts, to date, to apply these concepts towards
the development of improved devices.
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Properties of space charge regions
Ionic solids, while neutrally-charged overall, commonly
contain local areas of electrostatic charge known as space
charge regions. Crystalline symmetry is broken at interfaces
such as grain boundaries and surfaces, and the subsequent
redistribution of anions and cations leads to local charge. The
space charge potential, Df = f(0)  f(N), where f(0) is
the potential at the interface and f(N) is the reference value in
the bulk, determines the charge carrier proﬁles in the space
charge layer. This section quantitatively describes the spatial
variation of ionic and electronic defects within the space
charge layer.
The equilibrium condition for species j between two
locations, x1 and x2, is given by the constancy of the
electrochemical potential:
m~j(x1) = m~j(x2)

(3)

consisting of the chemical potential, m, and electrostatic
potential, f:
m~j(x) = mj(x) + zjef(x)

(6)

or



cj ðx2Þ
fðx2Þ  fðx1Þ
¼ exp zj e
cj ðx1Þ
kT

ð7Þ

or expressing the change in space charge concentration relative
to the bulk concentration as a function of the local electrical
potential:




cj ðxÞ 1=zj
e
DfðxÞ
¼ exp 
cj1
kB T

ð8Þ

These equations demonstrate that an electrical potential
diﬀerence is compensated by nonuniform chemical proﬁles in
order to preserve electrochemical equilibrium.
In order to ﬁnd the concentration proﬁles, one must solve
for the spatial variation of the electrical potential. Poisson’s
equation:
r2 f ¼ 

r
zj ecj
¼
eo er
eo er

w Normalized concentration.
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ð10Þ

Applying appropriate boundary conditions and a reference
point for the potential, commonly set to 0 in the bulk, yields
the spatial variation of the electrostatic potential under
Gouy–Chapman conditions, which speciﬁes the redistribution
of all charged defects:17


2kT
1 þ Y expðx=lÞ
ð11Þ
ln
fðxÞ ¼
zj e
1  Y expðx=lÞ
where l is the Debye length:
sﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃ
eo er kT
l¼
2z2j e2 cj1

ð12Þ

and Y is the proﬁle parameter:


zj eDf
Y ¼ tanh
4kT

ð13Þ

The charge density s and the space charge potential f(o) are
related by:


pﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃ
zefð0Þ
ð14Þ
s ¼ 8kTcj1 eo er sinh
2kT

(5)

Substituting into eqn (4), the following electrochemical
equilibrium is obtained:
m0j + kT ln cj(x1) + zjef(x1)
= m0j + kT ln cj(x2) + zjef(x2)

z e

d2 f
ezj cj1
j
DfðxÞ
¼
exp
2
dx
kT
eo er

(4)

where zje is the net charge. For dilute defect concentrations,
the chemical potential term in eqn (5) can be expanded to
include the standard chemical potential, m0j , and the
concentrationw cj of species j.
mj = m0j + kT ln cj

can be combined with eqn (8) to form the Poisson–Boltzmann
diﬀerential equation, here treated for the case of electrostatic
potential variation in one dimension:z

ð9Þ

Finally, by combination of eqn (8) and (11), the spatial
proﬁles of defects in the space charge region are found:
cj ðxÞ
¼
cj1



1 þ Y expðx=lÞ
1  Y expðx=lÞ

2zj
ð15Þ

The Gouy–Chapman analysis above is valid only when all
defect species can redistribute in the space charge region. At
reduced temperatures, it is often the case that the defect
controlling the Debye length is insuﬃciently mobile to
redistribute in response to the excess grain boundary charge. In
this case, the depleted defects are often neglected, and the charge
density in Poisson’s equation is determined only by the dopant
content. This is known as the Mott–Schottky approximation,18,19
and the immobile carrier e.g. in ceria is typically the ionized
background acceptor. Poisson’s equation is simpliﬁed and
becomes
@2f
zj ecj1
¼
eo er
dx2

ð16Þ

and with boundary conditions f 0 (l*) = 0 and f0 (l*) = fN = 0
can be integrated to yield (relative to the bulk reference potential,
commonly set to zero):
DfðxÞ ¼ 

zj ecj1
ðx  l Þ2
eo er

ð17Þ

z Here concentration in terms of cm3.
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where l* is the depletion (space charge) width:19
sﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃ
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Two distinct diﬀerences can be seen in the relation for the
space charge width in the Mott–Schottky boundary conditions
compared to Gouy–Chapman. When the majority defect
cannot redistribute, the space charge width is dependent on
the space charge potential, and the depletion width is greater
in spatial extent due to a reduced charge screening ability. The
expression for the potential diﬀerence as a function of x can be
substituted into the original equation for carrier enhancement/
depletion to give the concentration dependence:
"
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where defect i is enhanced or depleted, and defect j is the
majority defect that determines the space charge width. For
oxygen vacancies depleted in the space charge region, zi = 2
and zj = 1 while for electrons which are accumulated, zi = 1
and zj = 1. Taking the ratio of the two terms:
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boundary core. It is evident, however, that the natures of the
proﬁles diﬀer considerably. In the Gouy–Chapman case, there
is a very large change in carrier concentration within only the
ﬁrst few nanometres from the grain boundary core. Thus,
most of the enhancement/depletion eﬀects occur approximately within one Debye length. Under Mott–Schottky
conditions, the change in carrier concentration is less severe.
On the other hand, the extent of non-uniformity is much larger
than the Debye length, due to reduced charge screening
resulting from the immobile acceptor.
While eqn (15) and (19) predict that the concentration of
mobile, positively charged, oxygen ion defects (V 
O ) could be
markedly enhanced if the trapped charges at the boundary
were negative, all experimental evidence to date suggests that
the boundaries in ceria and zirconia based solid oxide electrolytes are inherently positive,14,15,20 thereby leading instead to a
decrease of the ionic conductivity and an increase in electronic
conductivity with decreasing grain size for ceria as illustrated
in Fig. 5.21 Indeed, while enhanced ionic conduction resulting
from space charge eﬀects has been reported for Li and F ion
conducting electrolytes,22,23 no clear evidence for space charge
induced enhanced oxygen ion conduction has been reported
to date.

Heterogeneous doping of solid electrolytes

it is clear that a ten-fold decrease in the electron concentration
cn(x) would result in a hundred-fold increase in the oxygen
vacancy concentration cV(x). This feature will be referred to in
subsequent discussion of experimental results.
To facilitate visualization of the diﬀerence in defect proﬁles
for these two models, schematic proﬁles are plotted in Fig. 4
for the predominant defects in ceria for a space charge
potential of 0.4 V and an acceptor concentration of 300 ppm
at 500 1C. Under these conditions, depletion of oxygen
vacancies and enhancement of electrons are predicted in both
models in response to a positive potential in the grain

The electrical conductivity of an ionic solid is typically
controlled by homogeneous doping, in which donor and/or
acceptor species substitute on lattice sites or enter the structure
interstitially. Ideally, such doping occurs uniformly throughout the material, and the charged impurities are compensated
by the formation of defects of opposite charge, either
electronic or ionic, in order to preserve charge neutrality.
There is, however, another method with which the electrical
conductivity can, in principle, be controlled: heterogeneous
doping. This concept was ﬁrst demonstrated in dramatic
fashion by Liang in 1973.22 In that study, the insulating

Fig. 4 Space charge proﬁles of acceptor dopants, oxygen vacancies,
and electrons near a grain boundary interface with a space charge
potential of +0.4 V, according to the Gouy–Chapman (solid lines)
and Mott–Schottky (dotted lines) models. Concentrations normalized
to dopant density.

Fig. 5 The dependence of the ionic and electronic conductivities
shows a strong dependence on grain size for grains below about
600 nm in diameter.21
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compound Al2O3 was added as a second phase to the ionic
conductor LiI, and the ionic conductivity was subsequently
increased by up to 50 times relative to pure LiI.
While the improvement of ionic conductivity via an insulating
phase may appear counter-intuitive, the concept was ﬁrst
discussed with respect to the space charge model by Wagner.24
A thorough review and analysis of this eﬀect was later
presented by Maier.25 Analogous to the discussion above,
defects can be enhanced or depleted in a space charge layer
induced at the heterojunction between the two phases, and the
spatially-varying conductivity will depend on the relative
mobility of the charge-carrying defects. In the LiI–Al2O3
system, the space charge layer is enhanced in the high-mobility
I1 species, resulting in enhanced ionic conductivity relative to
the single phase. Other more recent examples of reports of
appreciable improvements in ionic conductivity at heterointerfaces include F ion conduction in BaF2/CaF2 multilayers23 and O ion conduction in YSZ/SrTiO3 multilayers.26
The logical question now emerges: are there other means by
which heterogeneous doping may be employed to alter
materials properties in a desirable manner but without
creation of second phases? In the following, we summarize
our recent attempts to achieve enhanced ionic conduction in
nanocrystalline ceria ﬁlms by selective doping of grain
boundaries, via in-diﬀusion from surface diﬀusion sources.
The most common types of diﬀusion are bulk, grain
boundary, surface, and along dislocations. It is well-known
that diﬀusion in metals and ceramics along grain boundaries is
typically much faster than in the bulk,y often by 3–6 orders of
magnitude.27 Harrison described three distinct diﬀusion
regimes that occur in a polycrystalline material.28 These
include (A) uniform diﬀusion throughout the material
described by an eﬀective diﬀusion coeﬃcient that is a linear
combination of the bulk and grain boundary processes; (B)
unequal penetration with more rapid diﬀusion along grain
boundaries, with slow but appreciable penetration into the
bulk, particularly near the surface; and (C) negligible mass
transport in the bulk with diﬀusion limited to the grain
boundary regions. The latter regime is rarely reported in the
literature, as it only occurs at low temperatures, and the
small amount of diﬀusing species is often diﬃcult to detect
analytically.
Harrison C-regime diﬀusion suggests itself as an ideal means
for modifying the chemical constituents at the grain boundary
without modifying the chemistry of the grains. In ref. 16, the
authors proposed heterogeneous doping of Ni and Gd
along grain boundaries as a means to alter the space charge
properties of nanocrystalline ceria. By selective diﬀusion of
cationic species likely to change the net charge stored at the
20
grain boundaries, e.g. negative charge created by NiCe
, it
should be possible to modify both the magnitude and polarity
of the space charge potential as illustrated in Fig. 6.
The requirements include: (a) grain boundary diﬀusivity
DGB c Db, the bulk (or grain) diﬀusivity, and (b) the diﬀusion
length be short enough so that the boundaries can be
y This may not be the case in fast ion conductors for the more mobile
species, but will still be the case for the less mobile species, i.e. for
cations in ﬂuorite structured materials such as ceria.
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Fig. 6 Schematic of a ceria columnar ﬁlm grown on an MgO
substrate with Ni2+ or Gd3+ ions selectively diﬀused down the grain
boundaries. The charged species are expected to modify the net charge
of the boundaries and, as a consequence, the boundary potential, Df.

Fig. 7 In-diﬀusion proﬁle of Ni into a ceria ﬁlm of about 1 micron
thickness following a 700 1C anneal for 5 h. A value of DGB(Ni) =
4.2  1014 cm2 s1 is derived from the ﬁt to the penetration proﬁle.16

uniformly doped. As demonstrated in Fig. 7 for Ni in-diﬀusion
into pulsed laser deposited ceria thin ﬁlms, Ni penetrates
about 1 micron along the grain boundaries following only a
ﬁve hour anneal at 700 1C with uniform distribution of the Ni
achieved at 800 1C after a 10 h anneal.16
To test whether heterogeneous doping of ceria by Ni can
indeed serve to reduce electronic conduction and enhance
ionic conduction, the electrical conductivity of the ﬁlms was
measured prior to and following Ni in-diﬀusion. As shown in
Fig. 8, the electrical conductivity of Ni and Gd in-diﬀused
ceria ﬁlms dropped about an order of magnitude below that of
the as-deposited ﬁlms. Both in-diﬀused and as-deposited ﬁlms
exhibited a pO21/4 dependence of the conductivity (not
shown) suggesting that the conductivity in both cases was
largely electronic in nature. The approximately ten-fold
decrease in electronic conductivity, consistent with a decrease
in the magnitude of the positive boundary potential, suggests
that while the in-diﬀused Ni was unable to reverse the polarity
of the grain boundary, it was able to decrease its magnitude.
Because the oxygen ion vacancies are doubly positively
charged, a ten-fold decrease in electronic carriers due to a
change in potential should be accompanied by a hundred-fold
increase in ionic carrier concentration, cV, as discussed above
This journal is
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Fig. 8 The total electrical conductivity measured as a function of
temperature for as-deposited and for Ni and Gd in-diﬀused ceria thin
ﬁlms.

(see eqn (20)). Nevertheless, the ionic conductivity could easily
remain the minority conductivity type if the potential barrier
was large enough initially to depress ionic carriers by many
orders of magnitude (see Fig. 5). Therefore, to be able to test
the expectation of a much enhanced ionic conductivity
resulting from heterogeneous doping, the much larger electronic conductivity would have to be blocked by an ionic
conductor in series with the ceria test ﬁlm.29
Electron blocking experiments were initiated, taking
particular care to insure that the results were not dominated
by redox reactions at the electrode surfaces or triple phase
boundaries.30 The results shown in Fig. 9 conﬁrm that indeed
the as-deposited ﬁlm is dominated by a pO2 dependent
electronic conductivity with a nearly pO2 independent
minority ionic conductivity. Surprisingly, however, while the
ionic conductivity was an order of magnitude lower than the
electronic conductivity at pO2 = 103 atm, they were nearly

Fig. 9 Electrical conductivity vs. pO2 on an as-deposited thin ﬁlm via
blocking electrodes, measured at 475 1C. Shown are the total (’),
ionic (K), and electronic (m) conductivities.
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equal to each other at 1 atm. It then becomes diﬃcult to
understand why the ionic conductivity was not observed to
dominate the Ni in-diﬀused specimen, if indeed the ionic
conductivity increased by a hundred-fold.
Subsequent blocking measurements performed on both
in-diﬀused specimens as well as untreated ﬁlms, which had
been subsequently exposed to the same high temperature
anneals as the in-diﬀused specimens, revealed that, in all cases,
and opposite to expectations, the ionic conductivity rather
than being enhanced was depressed along with the electronic
conductivity by the treatments, as illustrated in Fig. 10.
Following Maier’s approach for calculating the space
charge contributions to the observed conductivity,31 the
perpendicular and parallel conductivities associated with
electrons and oxygen vacancies for both the Gouy–Chapman
and Mott–Schottky models were calculated.32 The closest
analytical description of the experimental data occurs
for the Mott–Schottky model with a grain size of 35 nm and
DF = 0.44 V in the as-deposited state, and the Gouy–Chapman
model with a grain size of 75 nm and DF = 0.35 V after
annealing in the presence of a diﬀusion source. After
annealing, it is evident that both the ionic and electronic
partial conductivities decrease, which is inconsistent with a
shift in the space charge potential alone. If the acceptor
impurities are assumed to be suﬃciently mobile to redistribute
at temperatures of 700 1C and above, the Gouy–Chapman model
correctly predicts a decrease of both partial conductivities,
though not in the correct proportion. The agreement with the
experimental data is markedly improved if the space
charge potential is decreased from 0.44 to 0.35 V which would
require only a decrease in charge at the boundary from
Qcore = 7.31  1020 C nm2 to Qcore,after = 6.52 
1020 C nm2, a diﬀerence of approximately 8  1021 C nm2.
This diﬀerence would require a change in dopants at the
boundary of 5  1012 cm2 or, equivalently, a change in
cation composition at the boundary of only 0.6%. Several
experimental observations remain unexplained. The reason for

Fig. 10 Ionic conductivity vs. pO2 for various specimens. Shown are
data from as-deposited samples (’), as well as samples annealed with
no diﬀusion source (K), a NiO (m) and Gd2O3 source (.). Shown for
reference is the ionic conductivity of CeO2 homogeneously doped with
0.3 cat% Gd (star).
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the shift in the pO2 dependence of sion from 0 to 0.13 is
unclear. This problem is compounded by the overall lack of
understanding of the pO2 dependence of the space charge
potential. Numerical modeling is needed to predict ﬁeld and
carrier distributions for conditions neither satisﬁed by the
Gouy–Chapman nor the Mott–Schottky model due to kinetic
or other considerations.
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Electrode processes
Even if the ohmic and grain boundary resistances of the
electrolyte can be reduced to desired levels, this still leaves
the large polarization losses exhibited by the cathode and
anode at reduced temperatures. Given that electrode losses
are, by and large, limited to interfacial processes, reduction in
their thickness, in contrast to the electrolyte, is not expected to
improve performance. On the other hand, simultaneously high
levels of ionic and electronic conductivities in the electrode
materials appear to lead to considerably reduced losses at
reduced temperatures, as exempliﬁed by the MIEC perovskite
La1xSrxCoO3 (LSC) as compared to La1xSrxMnO3 (LSM),
whose ionic conductivity is orders of magnitude lower at
temperatures of 500–700 1C.33 Both to test the generality of
this hypothesis and to investigate it more systematically, we
selected an alternate perovskite system, SrTi1xFexO3 (STF),
in which both the ionic and electronic conductivities could be
systematically varied, and by orders of magnitude, by control
of the Fe fraction, x.
Before going on, it is useful to examine the various processes
which potentially impact cathode performance. A schematic of
the cathode and electrolyte interface, Fig. 11, shows the
various kinetic steps needed for the incoming O2 molecule to
diﬀuse, adsorb, dissociate, and ionize before it can be
incorporated into the electrolyte as the O2 ion. Cathodes
which do not support signiﬁcant ionic conduction such as
LSM are limited in their ability to reduce oxygen to the ion
and insert it into the electrolyte to the triple phase boundary
between gas, cathode and electrolyte (dark line between
cathode and electrolyte in Fig. 11) while MIEC cathodes allow
all the key reactions to occur over the full surface of the
cathode. Surprisingly, even after many decades of study, a
consensus still does not exist regarding which of the possible
kinetic steps is limiting cathode performance for even the most
popular cathode materials.34–37 This, in part, is related to the

Fig. 11 Schematic of the gas, cathode and electrolyte interfaces
showing the various kinetic steps needed for the incoming O2 molecule
to diﬀuse, adsorb, dissociate, and ionize before it can be incorporated
into the electrolyte as the O2 ion.
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complex and diﬃcult-to-replicate morphology of the
cathode–electrolyte interface, characteristic of most systems
prepared by conventional ceramic and/or thick ﬁlm processing
technologies.
To overcome the complexities in examining and understanding typical electrode–electrolyte systems, two key factors
need attention. First, it is desirable to have a cathode material
system which can be systematically modiﬁed with respect to
the relative magnitudes and ratios of achievable ionic and
electronic conductivities exhibited by the system. This allows
one to test the role of the mixed conductivity in limiting mass
and charge transport within the cathode. Controlling the
energy band structure allows one to investigate the signiﬁcance
of energy level alignments in controlling charge transfer
processes. The SrTi1xFexO3d system (STF) forms a
continuous solid solution over the entire composition range
0 o x o 1,38 with substitution of Fe for Ti resulting in a
systematic decrease in band gap due to the introduction of the
Fe derived impurity band (see Fig. 12). The introduction of
the lower valent Fe further results in an increase in electron, hole
and oxygen vacancy density (see Fig. 13), providing, in turn,
mixed conductivity with high levels of electronic and ionic
conductivities at elevated levels of x.39 The defect structure,
transport properties and band structure of the STF perovskite,
previously examined in detail, thereby allow for the prediction
of these properties for controlled temperatures, pO2s and Fe
levels.39,40
Secondly, the geometry and morphology of the electrodes
should be as simple as possible to enable one to easily
distinguish between reactions which are limited at the triple
phase boundaries and the full surface area of the electrodes.
Geometrically simple and reproducible dense, thin ﬁlm model
electrode structures, e.g. fabricated by vacuum based physical
vapor deposition (PVD) methods, readily fulﬁll these
requirements.41–44 In this manner, precise control of both
triple phase boundary length (TPBL) and area allows for a
quantitative analysis of the electrochemical properties by
normalization of the experimental data with respect to
geometry, i.e. triple phase boundary length (TPBL), surface
area, ﬁlm thickness and surface roughness. Furthermore,
features such as crystal orientation, grain size and shape,
and compositional variations can be varied by control of
deposition conditions, i.e. deposition temperature, pressure,
power, gas composition, substrate composition, etc.
To test their cathodic behavior, polycrystalline STF thin
ﬁlms, with highly (110) orientated texture, grain sizes of
between 100 and 200 nm, surface roughness of B2 nm and
ﬁlm thicknesses ranging between 70 and 440 nm, were deposited by pulsed laser deposition (PLD) onto (100) oriented
single crystal yttria doped zirconia (YSZ) substrates. Fig. 14
shows the diﬀerent diameter circular ﬁlms of STF deposited by
PLD onto a single crystal wafer of YSZ with overlays
emphasizing the diﬀerent areas, perimeters and thicknesses
of the electrodes. A symmetrical structure with identically
sized STF electrodes on both sides of the YSZ electrolyte
was used for impedance spectroscopy (IS) measurements.
Fig. 15 shows typical impedance results obtained for the
symmetrical structure in which the STF electrodes with
composition x = 0.35, designated as STF35, are characterized
This journal is
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Fig. 12 (a) A plot of the band gap energy and reduction enthalpy in the STF system as a function of Fe fraction, x. (b) Energy band diagram
(energy vs. density of states N(E)) of the STF system showing the O2p derived valence band, the largely Ti3d derived conduction band and the
Fe3d derived impurity band.

Fig. 13 Electrical conductivity isotherm, at 850 1C, as a function of
oxygen partial pressure for diﬀerent STF compositions with Fe
concentrations between 1 mol% (STF01) and 100 mol% (SrFeO3y).

Fig. 14 The ﬁgure on the right shows diﬀerent diameter circular ﬁlms
of STF deposited by PLD onto a single crystal wafer of YSZ with
overlays emphasizing the diﬀerent areas and perimeters of the
electrodes. A US one cent coin in the background provides scale.
The schematic on the left illustrates the location of the triple phase
boundary and that the ﬁlm thickness, along with area and triple phase
boundary length, is a key geometric parameter.

by an oﬀset resistance (Roﬀ) followed by a nearly ideal
semicircle at low frequencies (LF). Roﬀ is attributed to the
ohmic resistance of the YSZ electrolyte based on its activation
energy (B0.95 eV), its pO2 independence and the calculated
value of the equivalent conductivity.
This journal is
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Fig. 15 Impedance spectroscopy plots of STF35 at T = 650 1C at
various oxygen partial pressures.

The use of dense thin ﬁlm electrodes with simple geometry
enables one to obtain a quantitative relationship between
electrode impedance and geometry. A power law dependence
of approximately 2 (rather than 1) for the dependence of
log RLF on log electrode diameter (1–10 mm) (see Fig. 16)
conﬁrms that the electrode resistances are inversely proportional to electrode surface area, rather than to the triple phase
boundary length (TPBL). One can thus conclude that the
oxygen reduction reaction occurs largely over the electrode
surface area, rather than being limited to the TPB, as also
reported for thin ﬁlm LSC and LSCF MIEC electrodes.41,45,46
Furthermore, the near independence of RLF on electrode
thickness (see Fig. 17) eliminates mass transport through the
electrode as the limiting step. Finally, the insensitivity of RLF
to the insertion of a ceria –gadolinia (CGO) interlayer between
the electrolyte and the STF electrode, not shown, conﬁrms
that interfacial transfer between the electrolyte and the electrode is not limiting (see Fig. 18). One therefore concludes that
there is a common limiting process for nearly the full STF
solid solution system (x = 0.05 to 1.0 studied to date) which
must be attributed to the surface oxygen exchange reaction
Phys. Chem. Chem. Phys., 2009, 11, 3023–3034 | 3031

coeﬃcient kq can be extracted from the electrode resistance
by:47
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kq ¼

Fig. 16 Double-logarithmic plots of RLF vs. diameter measured for
STF5, STF35 and STF50 electrodes at 590 1C in air.

kT
4e2 Rs co

ð21Þ

in which Rs is the area speciﬁc resistance and co is the total
concentration of lattice oxygen (STF: B5  1022 cm3).39
The area speciﬁc resistance (ASR) of the STF electrodes,
plotted as a function of reciprocal temperature in Fig. 19,
exhibits a gradual reduction with increasing Fe fraction largely
saturating for Fe levels above STF35. Because the ASR
decreases by only approximately a factor of 10 in going from
STF5 to STF80 while the ionic and electronic conductivities
increase by about a factor of 1000,39 this suggests that the
surface exchange kinetics are, at best, weakly inﬂuenced by the
bulk electrical properties of STF. This insensitivity is clearly
illustrated in Fig. 20 in which the oxygen surface exchange
coeﬃcient kq is plotted vs. electronic and ionic conductivities,
respectively.
To summarize, the introduction of micro-ionic structures,
i.e. thin ﬁlm electrode structures with high reproducibility
and ﬁne geometrical control, has enabled a clear discrimination to be made between alternate rate limiting processes
controlling the behavior of a model mixed ionic–electronic
perovskite cathode material. The surface exchange reaction
was shown conclusively to limit the overall cathodic oxygen
reduction reaction. By examining the dependence of the
oxygen exchange coeﬃcient on Fe content in STF, it
became clear that there is at best a weak dependence of
kq on the bulk electronic and ionic conductivities. This
suggests the need for close examination of the surface
chemistry and structure of electrodes to aid in establishing
the features that are most critical towards achieving enhanced
performance. Towards this objective, the challenge will be
how to successfully apply high resolution surface analytical
tools capable of operating under in situ conditions,

Fig. 17 Double-logarithmic plots of the ASR (RSTF) of a STF50
electrode vs. its thickness measured at 650 1C in air.

Fig. 18 Surface exchange kinetics were found to be the rate limiting
step controlling the electrode impedance. The thickness independence
of R eliminates diﬀusion limitations through the electrode while
insensitivity of R to the insertion of a CGO interlayer between STF
and YSZ eliminates interfacial transport across that interface as the
rate limiting step. The rate equation relates the oxygen arrival rate rO
to kq, the exchange rate, cO, the oxygen concentration at the interface,
and cO0, the oxygen concentration in the gas phase.

occurring at the surface of the STF electrodes. For surface
exchange controlled kinetics, the oxygen surface exchange
3032 | Phys. Chem. Chem. Phys., 2009, 11, 3023–3034

Fig. 19 The areal electrode resistance of a series of STF electrodes is
plotted as a function of reciprocal temperature. Values for LSCF and
BSCF from the literature45 are included for comparison.
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Fig. 20 The STF surface exchange coeﬃcient measured at 800 1C as a function of the magnitude of electronic conductivity (left) and of ionic
conductivity (right). Corresponding values for LSCF taken from the literature48,49 are shown for comparison.

characterized by both elevated temperatures and a range of
often reactive atmospheres.

application of microelectronic processing provide a
marvelous opportunity to uncover the science underlying
the technology of micro- and ultimately macro-ionics.

Conclusions
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